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https://doi.org/10.1016/j.scriptamat.2018.02.002a b s t r a c tThis paper presents a study by Transmission Electron Miscroscopy of the deformation microstructure in the γ
phase of a TiAl alloy crept at 850 °C under 150 MPa. A never observed population of dislocations is evidenced
and characterized. It is shown that their Burgers vector is of [001] type and that they are moving by pure climb





Dislocation climbAlthough TiAl alloys are candidate to be used at temperatures higher
than 800 °C in aeronautic and automotive engines, the deformation
mechanisms activated in this temperature range in industrial alloys
with complex microstructures are still not really understood. The few
studies reported in literature on the deformation of TiAl alloys at high
temperatures all agree to attribute the deformation mainly to twinning
and ordinary dislocations [1,2] andmore scarcely to [001] and 〈100] dis-
locations [3–5] and 〈011] and 1/2 b 112] superlattice dislocations [6].
For the case of ordinary dislocations, glide conﬁgurations characterized
by dislocation elongation along their screw direction and by numerous
pinning points are still observed at 900 °C [2]. In aluminum rich single
crystals, Inui et al. have noted the glide of these ordinary dislocations
in non-compact planes, as (001) and (110) planes [7]. However, a con-
tribution of climb has been evidenced in several contributions [2,7,8]
and associated to the transition between the brittle to ductile material
behavior [1,2,5,8]. Interestingly, Kad and Fraser have shown that a de-
crease of the strain rate promotes the activation of climb instead of
glide [2]. They have proposed that at low strain rates, climb is activated
in a second step when an appropriated density of dislocations has been
previously created by glide. Following the simultaneous observations of
glide and climb dislocations in samples crept at 700 °C, the activation in
some grains of a high density of gliding dislocations similar to that ob-
served at intermediate temperatures has been ascribed to the accom-
modation of high local internal stresses [9]. From in situ heating
experiments, climbing ordinary dislocations are seen to be preferen-
tially oriented along the 〈110〉 orientations and forminghelicoidal struc-
ture [8,10,11]. Malaplate et al. [10] has demonstrated that during creepat 700 °C, these ordinary dislocations canmove by amixed climbmech-
anismwhich is a mixture of glide and climb andwhichmay explain the
high measured values of the activation volume, previously underlined
by Appel et al. [8]. The [001] dislocations have been observed to glide
in {110] planes in single crystals at 950 °C under favorable orientation
conditions [3] and lying in pile-ups at 1000 °C in an aluminum rich
alloy [5].
In this context, the present study aims at analyzing the dislocations
microstructure and at determining the activated deformation mecha-
nisms in an industrial TiAl alloy exhibiting a complex microstructure
and crept at 850 °C. Here, observations and characterizations of a popu-
lation of dislocations are reported, which, in our knowledge, has never
been described in the current literature. The reason of the activation of
this new type of dislocations will be discussed in the ﬁnal section.
The alloy investigated is an IRIS alloy (Ti - 48Al – 2W – 0.08B) ob-
tained by the densiﬁcation of a pre-alloyed powder by Spark Plasma
Sintering [12]. Its microstructure is formed by small lamellar grains
surrounded by borders made of single phased γ grains that contain B2
precipitates [13]. The alloy was crept at 850 °C under 150 MPa up to
1.5% of strain. Under this solicitation, the minimum creep rate was
6·10−8 s−1 and the creep lifewas 260 h. Thin foils suitable for Transmis-
sion Electron Microscopy (TEM) were extracted from this crept sample
with their planes cut perpendicular to the tensile axis of the sample.
Theywere examined in a JEOL 2010 TEMusing a Tilt-Rotation specimen
holder commercialized by the Gatan company, with the aim to obtain
observations under various diffracting conditions. This holder allows
the following movements of the specimen: (i) a 360° rotation around
the direction of the electron beam, which is perpendicular to the thin
foil plane at zero tilt and (ii) the usual tilt ±40° around the longitudinal
tilt axis of TEM holders, which is situated along the vertical direction on
all the micrographs presented in this report. As usual for the γ phase of
TiAl alloys, the quadratic L10 structure will be treated as an ordered
face-centered cubic structure consistently with a c/a ratio close to 1.
Fig. 1 displays the deformation microstructure in a γ grain of a bor-
der using the g=(111Þreﬂection (g is the vector of the reciprocal lattice
normal to the plane used to obtain the image in two beams condition; g
is called the diffracting vector inwhat follows). Thismicrostructure con-
sists of nearly rectilinear dislocations, which appear to be elongated
along directions situated at 45° from each other. No pinning points gen-
erally observed on gliding ordinary dislocations [14–16] are seen on
these dislocations. Fig. 1,b shows the stereographic projection of this
grain under zero tilt. The perpendicular to the thin foil plane (T),
which is also the direction of the loading axis is at 22° of the [001] direc-
tion. The deformationmicrostructure has been studied in ten γ grains of
the borders by TEM, and in three of them such kind of rectilinear
dislocations has been observed. In Fig. 2, the dislocation loop situated
in the red rectangle marked on Fig. 1 is observed under different
diffracting conditions. The loop is visible with three reﬂections of the
〈111〉 type. This indicates that the Burgers vector is neither that of an
ordinary dislocation (1/2 b 110] type), nor that of a superdislocation
of b101] type.
For themicrographs of Fig. 3, the (001) plane is perpendicular to the
electron beam (a) and the g diffracting vectors are all perpendicular to
the [001] direction; two of them are of b200] type and the two others
of the b220] one. The rectilinear segments are parallel to the projections
of the b100] and b110] directions of the crystal. Remarkably, as
surrounded red, on each of thesemicrographs one segment is not visible
contrary to the others. Moreover, these invisible segments appear to be
parallel to the direction of the corresponding g diffracting vector. This
kind of contrast is known to exist for the case of edge dislocations
while the g b=0 extinction condition is fulﬁlled [17,18], as exempliﬁed
in the complex metallic alloy ξ - Al – Pd - Mn [19]. In this conﬁguration,
complete invisibility is only obtained if a second condition extinction gFig. 1. General view (a) and stereographic projection (b) of the γ grain investigated in the pre
lattice, T is the direction of the tensile axis of the crept sample.b˄u= 0 is also fulﬁlled (u is the unit vector along the dislocation line).
If it is not, strong residual contrasts are observed, particularly when g
b˄u N 0.6 [17,18]. This kind of residual contrast results from the bugling
by edge dislocations of the diffracting plane, which is perpendicular to
the extra half plane and contains the Burgers vector (see Fig. 25.4 of
[18]).
To explain all these TEM observations, the only solution is to have
the Burgers vector of this dislocation parallel to the [001] direction (b
= [001]), which is perpendicular to all the used diffracting vectors (g
b= 0). Considering the situation depicted by the Fig. 3, b (g= [200]),
three situations are encountered:
• when u//g//[200], b˄uwill be perpendicular to g, the scalar product of
g by b˄u is equal to 0 and the dislocation will be invisible. That is the
case of the red arrowed segment.
• when u//[020] and ⊥ to g= [200], b˄uwill be parallel to g, the scalar
product of g by b˄u is different of 0 and is in fact equal to ±2. The dis-
location segment is visible, due to a strong residual contrast.
• when u//[220] or [220], the scalar product of g by b˄u is different of 0




. The dislocation is visible.
The three other situations of Fig. 3, c-e can be analyzed in the same
way.
As a conclusion, all the TEM experimental observations are ex-
plained by considering that the dislocation loop is made of [001] dislo-
cations which are pure edge in character and lying along the b100]
and b110] directions.
To determine the plane in which these dislocations are moving, tilt
experiments have been performed around various directions. Fig. 4 pre-
sents one of them, for which, using the holder rotation, the normal to
the (001) plane has been placed perpendicular to the tilt axis. It follows
that the trace of this (001) plane is going through this tilt axis and stayssent study. On (b), the poles of the plane are labelled by their direction in the reciprocical
Fig. 2. TEM observations of the dislocation loop situated inside the red rectangle of Fig. 1 using three reﬂections of the 〈111〉 type.in place during the tilt experiment (the trace of the plane is its intersec-
tionwith the thin foil plane). The dislocation loop is observed under dif-
ferent inclinations, using different image conditions (Fig. 4a to h). ForFig. 3. TEM observations of the dislocation loop situated inside the red rectangle of Fig. 1, usin
contrast are surrounded in red.each micrograph, the apparent distance between the two exterior seg-
ments is measured in the direction perpendicular to the tilt axis. It is re-
ported as a function of the inclination angle (Fig. 4,i). This curve followsg four g diffracting vectors all perpendicular to the [001] direction. The segments out of
Fig. 4. Tilt experiment. The loop is observed under different inclinations (a to h). As indicated by the double arrows, the distance between two segments is measured in each case. Its
variation with the inclination angle follows a sinusoidal variation (i). On the stereographic projection under zero tilt (j), P is the pole of the moving plane of the dislocation.a sinusoidal variation with a maximum situated at +20°. The plane of
the loop (marked P in Fig. 4,i) is thus a plane with a trace along the in-
clination axis and which is normal to the observation plane for a thin
foil inclination angle of 70° (90° - 20°). In the limit of our experimental
uncertainty, it appears that this plane is close to the (001) plane. There-
fore, the edge [001] dislocations are moving by pure climb. Their recti-
linear aspect suggests that the pure climb mechanism occurs by the
nucleation and propagation of pairs of jogs as previously suggested by
for the case of ordinary dislocations [8,10]. In work of Jiao et al. [001],
[3] dislocations have been observed edge in character and lying along
the [110] direction. The authors have concluded to a glide in the (110)
plane, a conﬁguration incompatible with the present situation since in
our case the two b110] type planes are nearly perpendicular to the ob-
servation plane (Fig. 1b).
In TiAl alloys, the deformation is admitted to be mainly due to ordi-
nary dislocations whatever the temperature and stress ranges [1]. How-
ever, it exists in the L10 structure only two possible directions for the
Burgers vectors of ordinary dislocations which are both situated in the
(001) plane. Consequently, this kind of dislocations produces adeformation concentrated in this plane and other deformation systems
are necessary to insure a three dimensional deformation, or in other
words to fulﬁll the Von Mises's criterion. Movements of superlattice dis-
locations are scarcely observed except in single γ-phased alloys obtained
with aluminum rich compositions [20–22]. Twinning due to the glide of
1/6 b 112] Shockley dislocations in (111) plane is in general activated
and brings some deformation out of the (001) plane. The twinning activ-
ity requires a nucleation process and the Schockley dislocation propaga-
tion. On the one hand, the twin nucleation has been found to be due to
the decomposition of Frank dislocations in γ grains [23,24] or to other
similar dislocation reactions [1], and to occur by the emission of Shockley
dislocations at interfaces in lamellar alloy [1]. The secondprocess is easier,
which explains why twins are more frequently activated in lamellar al-
loys. On the other hand, in situ straining experiments have shown that
the twin propagation is controlled by the overcoming by the Shockley
dislocations of heterogeneous pinning points [16,25]. Hence, twinning
appears to be athermal or at least weakly thermally activated. All these
properties explain why twinning is not much activated at 850 °C under
150 MPa in single-phased γ grains.
At this high temperature, diffusion is largely efﬁcient enough to acti-
vate climb, as previously observed for ordinary dislocations in particular
at low strain rate and low stress [2]. The small size of the γ grains of the
borders (a fewmicrons long and about 1 μmwide – [13]) and the prox-
imity of lamellar interfaces is another factor enhancing the diffusion ef-
fects through the presence of numerous interfaces. The climb of
dissociated superlattice dislocations with antiphase boundary lying in
(001) or (111) type planes must involve local rearrangements of the
atoms which complicate the occurring of such a mechanism. Similarly
to the present results, at high temperatures in B2 intermetallic alloys
(FeAl and NiAl), climb of {001} dislocations has been evidenced instead
of movement of 〈111〉 superdislocations [22]. Thus, even if it has never
been previously observed in TiAl alloys, a contribution of [001] disloca-
tions seems to be an appropriate way to develop a three dimensional
deformation. In addition, the orientation of the studied grain with the
(001) axis close to the tensile axis of the creep sample represents a fa-
vorable situation. The deformation processes, as the glide of [001] dislo-
cation in {110) planes, or that of b010] in the (001) panes reported in
Refs [3,4,5] respectively,might be activated because of the reasonsmen-
tioned above under different sample orientations.
In conclusion, in a sample crept at 850 °C under 150 MPa, we have
observed a population of pure [001] edge dislocationswhich aremoving
in the (001) planes by pure climb. The dislocation segments are rectilin-
ear and elongated along the b100] and b110] directions of this plane,
which suggests that climb occurs by the nucleation and lateral propaga-
tion of jog pairs, as already evidenced for ordinary dislocations of TiAl al-
loys. Several factors are favorable for the activation of these dislocations,
whichwere never observed: the high temperature, which promotes dif-
fusion, the low stress that inhibits twinning and the orientation of the
grain.
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